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Abstract

The precipitation behaviour of Cu±0.75Cr±0.105Zr (wt%) alloy for fusion reactor applications has been investigated

after thermal treatments similar to those expected during joining procedures by hot isostatic pressing. A bimodal

distribution of coarse precipitates with spacings larger 1 lm and tiny precipitates with spacings between 30 and 40 nm

was observed by scanning electron microscopy (SEM) and transmission electron microscopy (TEM), respectively. The

coarse precipitates resist solution annealing treatments and do not contribute to mechanical strength. Two types of

microscopically small precipitates were observed, which exhibit strain ®eld contrast in TEM and are responsible for the

mechanical strength of the aged alloy. A ®ne dispersion of these precipitates with a mean size of 2.3 nm and a density of

3:3� 1022 mÿ3 is related with maximum strength. Hardening is most compatible with an Orowan mechanism. These

precipitates are only obtainable when the joining procedure is terminated with a minimum cooling rate of about

1 K/s. Ó 2000 Elsevier Science B.V. All rights reserved.

PACS: 28.52.Fa; 61.72.Ff; 81.05.Bx; 81.40.Cd

1. Introduction

Cu±Cr±Zr alloys with chromium and zirconium

contents of 0.6±0.8 and 0.07±0.15 wt%, respectively, are

considered as potential heat sink material for the ITER

divertor vertical target since they exhibit high strength

and high thermal conductivity [1,2]. The main problem

to be solved is related to the thermal stability of this

alloy during divertor manufacture especially when

joining procedures require the application of tempera-

tures which may cause solution annealing or overaging

of the alloy. This motivated recent studies on the pos-

sibilities to recover the mechanical and physical prop-

erties of the ITER-grade Cu±Cr±Zr alloy after hot

isostatic pressing [3,4]. In [3] hot isostatic pressing has

been simulated by a solution annealing at 970°C for

20 min. Whereas solution annealing is normally termi-

nated by quenching in water, quenching cannot be ap-

plied to ®nish hot isostatic pressing. In this case the

component will cool in air or in an inert atmosphere and

the cooling rate will be much smaller. Therefore, the

present authors investigated the e�ect of cooling rate

after hot isostatic pressing on the e�cacy of subsequent

heat treatments to recover the desired mechanical

properties of the precipitation hardened alloy [3]. This

investigation showed that such a recovery is only

achievable if the solution annealing, i.e., the hot iso-

static pressing is terminated with a cooling rate of at

least 1±2 K sÿ1 [3]. It has been concluded that lower

cooling rates lead to long holding times in the temper-

ature range of aging and to an overaging of the mate-

rial. In this case the insu�cient tensile properties cannot

be improved by any of the tested aging treatments to be

applied thereafter [3]. Also the results of Singh et al. [4]

underline the strong sensitivity of the mechanical

properties to details of the heat treatment and to pos-

sible mechanical pre-treatments.
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The present electron microscopic investigation was

motivated in order to check the conclusions drawn in [3]

on the basis of the observed changes of tensile strength

and thermal di�usivity of the alloy and in order to

quantify the precipitate densities after certain heat

treatment sequences. Furthermore, an assessment of the

microstructural changes during the long cooling phase

after the joining procedure and during the subsequent

heat treatments is expected to be helpful for proposing

possible improvements in the joining procedure, the

composition or the pre-treatment of the alloy.

In literature there is no clear picture on the precipi-

tation behaviour and the microstructure properties of

Cu±Cr±Zr. The largest amount of information is avail-

able on the binary Cu±Cr alloys which are of interest

because of their excellent age-hardening properties. The

small amount of literature covers a rather broad range

of di�erent compositions, di�erent production processes

and mechanical pre-treatments often coming to di�erent

conclusions. There is general agreement that the high

strength of the properly aged alloy is brought about by

tiny chromium-rich precipitates with typical dimensions

around 10 nm or even smaller [5±8]. This seems to hold

also for the ternary Cu±Cr±Zr alloy [4,9,10]. The nature

of these chromium-rich particles is, however, not yet

clearly understood. In their TEM studies Knights and

Wilkes [8] found homogeneously distributed needle-

shaped particles of 5±10 nm size in various stages of

aging. From the absence of non-matrix re¯ections in the

electron di�raction patterns they concluded that these

particles were coherent and of face-centered cubic (fcc)

structure [8]. After reviewing literature Chakrabarti and

Laughlin [11] concluded that this may indeed be possi-

ble. Rdzawski and Stobrawa [12] succeeded in a chem-

ical isolation of the chromium precipitates in a

Cu±0.94Cr (wt%) alloy and investigated the isolated pre-

cipitates by X-ray phase analysis. The surprising result

was that even the isolated coherent precipitates pre-

served a metastable fcc structure [12]. Komen and Rezek

[7] observed in their Cu±0.35Cr (wt%) alloy a mixture of

coherent particles showing strain ®eld contrast and rod

shaped particles which appeared non-coherent. These

authors attributed the additional re¯exes in their elec-

tron di�raction pattern to chromium-rich non-coherent

particles with body-centered cubic (bcc) structure.

Similar results were reported from further TEM inves-

tigations, which found precipitation accompanied by

non-matrix re¯ections which could be ascribed to bcc

chromium precipitates [5,6,10]. However, there are dif-

ferent opinions on the orientation relations between

these precipitates and matrix. Whereas Weatherly et al.

[6] found that the Kordjumov±Sachs relations are

obeyed, Tang et al. [10] found agreement with those of

Nishyama±Wassermann. Moreover, from strain ®eld

observations accompanied by modelling Weatherly et al.

[6] came to the conclusion that the chromium bcc phase

can be coherently accommodated by the fcc copper

matrix. In this case extremely large shear stresses of up

to 1/5 of the shear modulus should be present in and

around the particles although no evidence for dislocation

nucleation could be found related to the particles [6].

Although the strengthening in the ternary Cu±Cr±Zr

alloy seems to be due to the same type of chromium

precipitates, the situation appears to be complicated by

the additional alloying with zirconium. It will be shown

that in this case a pronounced coarse precipitation oc-

curs additionally to the precipitation of tiny particles.

Such a feature has not been reported for the binary

Cu±Cr alloy. This problem is associated with the lack of

generally accepted phase relationships in the Cu±Cr±Zr

system. Recent theoretical [13] and experimental [14]

investigations by Zheng et al. indicate that three phases

Cr, Cu5Zr and Cu should exist in this system but no

Cr2Zr as postulated in many earlier investigations.

2. Experiments

2.1. Material and specimen preparation

The Cu±Cr±Zr alloy had an alloying content of 0.75

wt% Cr, 0.105 wt% Zr and a total impurity content

below 0.01 wt%. The material was received in the cold

rolled and solution annealed state with a grain size of

�40� 10� lm [3]. Grain growth was observed after the

heat treatments F and G (de®nition see below), which

resulted in a grain size around 90 lm [3].

Six classes of TEM specimens were prepared. The

labels (A), (B), (F), (G), (K) and (L) correspond to the

heat treatment sequences de®ned in [3] and compiled

below. All treatments were performed in an argon at-

mosphere in a quartz tube. Furnace cooling was realized

by switching o� the furnace; out-of-furnace cooling by

pulling the quartz tube out of the furnace. In these cases

mean cooling rates of 0.05 K and 1 K sÿ1 were achieved,

respectively. For details on the cooling curves and the

relevant cooling rates the reader is referred to [3]. The

heat treatment sequences relevant for the present con-

siderations are:

(A) Solution annealing at 970°C for 20 min fol-

lowed by water quenching. The material has been

received in this state.

(B) After treatment (A) the material was subjected

to an aging treatment at 475°C for 3 h followed by

furnace cooling.

(F) The solution annealing at 970°C for 20 min was

repeated and terminated by furnace cooling.

(G) After treatment (F) the material was subjected

to an aging reatment at 475°C for 3 h followed by

furnace cooling.

(K) The solution annealing at 970°C for 20 min was

repeated and terminated by out-of-furnace cooling.
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(L) After treatment (K) the material was subjected

to an aging treatment at 475°C for 3 h followed by

furnace cooling.

These heat treatment sequences were performed on

small Cu±Cr±Zr cylinders of 2 mm height and 3.5 mm in

diameter. In order to minimize mechanical loading

during the preparation of the TEM specimens the size of

the cylinders was reduced to a thickness of about 0.3 mm

and a diameter of 2.5 mm by immersion in nitric acid

(65%). Then a gentle grinding was applied using 4000

SiC paper to smoothen the surface roughened by the

etching in nitric acid before electrolytical jet-polishing.

In this preparation step the thickness of the small plates

was reduced to 0.25 mm. Jet-polishing was performed at

)45°C using a mixture of 500 ml nitric acid and 1000 ml

ethanol as electrolyte. A voltage of 32 V was applied.

During jet-polishing a current of 650±700 mA was

measured. Perforation was obtained after about 2 min.

The quality of the produced TEM specimens was

checked by optical microscopy. The specimen surfaces

exhibited a structure which indicated the presence of

coarse precipitates with spacings of several lm. This

structure appeared to be less pronounced for specimens

in the conditions A and B. In the conditions F and G the

density of these precipitates was higher and they were

distributed in striations along the direction of cold

rolling. Their distribution in the small electron-trans-

parent area around the perforation indicated that these

coarse precipitates could hardly be investigated by

TEM. Hence, a second imaging technique was required

to get a complete overview on the precipitation behav-

iour of this alloy.

2.2. Electron microscopy

The transmission electron microscopy (TEM) was

performed with a Jeol 4000 FX instrument at the Max-

Planck-Institut f�ur Metallforschung, Stuttgart, Germa-

ny. The instrument was equipped with a specimen holder

which allowed a specimen tilt of �10° with respect to the

incident electron beam. Due to the rather large grain size

only two or three grains could be examined in the visual

®eld around the perforation and the choice of the dif-

fraction conditions was therefore limited. For TEM

imaging it was attempted to realize dynamic two beam

conditions, which could approximately be achieved for

[0 2 2], [1 1 1] and [1 1 3]-type di�raction vectors. Most

micrographs were taken in bright ®eld (BF) conditions.

Dark ®eld (DF) di�raction conditions and especially

weak beam conditions were di�cult to control due to

the limited specimen tilt.

For a quantitative evaluation of precipitate densities

the thickness of the TEM foils was estimated by

counting thickness fringes. Typical values range between

230 and 380 nm.

The coarse, large precipitates on the electrolytically

polished surfaces of the TEM specimens were lateron

examined in a LEO 435 VP scanning electron micro-

scope (SEM). These precipitates were also analyzed by

energy dispersive X-ray analysis (EDX) in the SEM. The

spot size for this analysis was 1 lm and thus in many

cases larger than the particles to be analyzed.

3. Results

3.1. Transmission electron microscopy

The results of the TEM are compiled in Fig. 1, which

shows the typical features in the conditions B, F, G, K

and L, which will be described in detail below. The

micrographs taken in condition F are somehow un-

typical since they show the rare cases of observable

precipitates. No micrograph is shown in the solution

annealed condition A since, as expected, no precipitates

could be observed in this case.

3.1.1. Observed precipitation contrast

Small mis®tting precipitates with strain ®eld contrast

give rise to contrast features described in literature as

lobe±lobe contrast. The contrast behaviour has been

explained ®rst by Ashby and Brown [15] and later

modi®ed by McIntyre and Brown [16] taking into ac-

count that the classical Ashby±Brown rules might not be

obeyed by very small particles. McIntyre and Brown

introduced a parameter PS which helps to predict the

contrast behaviour to be expected under two-beam

conditions. This parameter is de®ned as PS � gjejr3
0n
ÿ2
g ,

where e is the mis®t strain and r0 the constrained particle

radius. g � dÿ1
hkl denotes the modulus of the active dif-

fraction vector and ng the corresponding extinction

length. An estimate of the maximum possible value of PS

assuming a typical particle size of 5 nm [5,9] and a mis®t

strain of 0.1, yields values between 0.003 and 0.005 for

all reasonable di�raction conditions (ghkl and ng taken

from [17]). The maximum reported mis®t strain in Cu-

based alloys reported in [35] is 0.0428. Hence, 0.1 is a

conservative assumption. Since this value is below

McIntyre and Brown's critical value of PS6 0:2 we ex-

pect to observe the precipitates as small black/white

lobes with a line of no contrast perpendicular to the

active di�raction vector, when particles lie close to the

surfaces of the foil, and as black dots in the center of the

foil, both in bright and dark ®eld images.

A closer look on the micrographs B (BF), B (DF) and

L (BF) in Fig. 1, where precipitates are clearly visible,

reveals that these features are only obeyed by a part of

the precipitates. Two groups of precipitates have to be

distinguished. A ®rst group which shows lobe±lobe

contrast or black dots. However, a clear line of contrast

is often di�cult to identify and its orientation deviates in

U. Holzwarth, H. Stamm / Journal of Nuclear Materials 279 (2000) 31±45 33



many cases from being perpendicular to the active dif-

fraction vector. In some cases this may however be

caused by di�racting conditions deviating from the de-

sired two-beam conditions. Most of the precipitates do

not change their shape under di�erent di�raction con-

ditions, i.e., under di�erent inclinations of the foil with

respect to the incident electron beam. Thus one con-

cludes that they are spherical. A second group of pre-

cipitates exhibits fringes predominantly parallel to the

active di�raction vector with a spacing of about 1.25 nm.

Further features are spot-like or extended regions,

which exhibit Moir�e patterns. The smallest single areas

covered by Moir�e patterns had dimensions between 5

and 20 nm. In condition G only Moir�e patterns could be

observed. The Moir�e fringes are predominantly per-

pendicular to the active di�raction vector (so-called

parallel Moir�e pattern) and have a mean spacing D be-

tween 1.25 and 1.45 nm under h1 1 1i di�raction con-

ditions. Moir�e patterns form if a beam di�racted by two

crystals with almost exactly equal or multiple lattice

parameters is allowed to recombine with the transmitted

beam to form the ®nal image. In the simplest case an

incoherent or semi-coherent platelet can be formed in or

on the TEM foil having the same orientation of the

lattice planes than the surrounding matrix. In the pre-

sent case D � amap=�am ÿ ap� holds [17,18], and one

obtains ap � 0:18 nm for the second involved lattice

parameter. This value is most compatible with di�rac-

tion from (2 1 1)-type lattice planes of simple cubic

Cu2O which might be formed on the surface of the TEM

specimens. Additional chemical information, e.g., de-

livered by EELS or an EDAX nanoprobe, would be

required to con®rm these features. However, the phe-

nomenon is well-known for TEM on copper and the fact

that a rather large lattice mis®t is not related with any

strain ®eld strongly supports the interpretation of these

Moir�e structures as surface oxidation phenomenon.

3.1.2. Precipitate densities and precipitate size

When determining the density and size distribution of

precipitates, no distinction was made between the two

types of precipitates showing lobe±lobe and fringed

strain ®eld contrast. The size of the precipitates which

exhibit lobe±lobe contrast was determined along the line

Fig. 1. Synopsis of the TEM results. Presented are two micrographs in condition B, taken under bright ®eld (BF) and dark ®eld (DF)

conditions which show a homogeneous distribution of precipitates (i) showing lobe±lobe contrast or being imaged as black dots and (ii)

fringed precipitates. In conditions F and G precipitates are visible only occasionally. In condition K, very few small fringed precipitates

are observable. The subsequent aging treatment leads to homogeneously distributed precipitates in condition L. The di�raction vectors

are of h1 1 1i-type for B (DF and BF), F and G, of h1 1 3i-type for K and of h0 0 2i-type for L.
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of no contrast. From those which were imaged as black

dots the diameter of the dots was measured. The fringed

particles are often larger along the fringes than perpen-

dicular to them. Thus, their size was de®ned as their

average length along the fringes and perpendicular to

them. The obtainable data on particle sizes and densities

are compiled in Table 1 and the size distributions of the

precipitates are presented in Fig. 2. The smallest pre-

cipitates which could be identi®ed exhibited a dot-like

contrast with a diameter of about 0.5 nm. Due to the

uncertainty to determine the size especially of the pre-

cipitates which exhibit lobe±lobe contrast it has been

decided to group the precipitates in size classes. The

smallest class, denoted 1 nm in Fig. 2 ranges from 0.5 to

1.4 nm, the 2 nm class ranges from 1.5 to 2.4 nm and so

forth.

As expected, no precipitates could be detected in the

solution-annealed and water-quenched condition A.

After the aging treatment, i.e., in condition B, both

groups of precipitates are homogeneously distributed. In

condition B the arithmetic mean value of the precipitate

size is 2.3 nm. The precipitate density was determined as

3:3� 1022 mÿ3, which is equivalent to a mean three-di-

mensional particle spacing of 31 nm. The microstructure

of the specimens in condition B is considered as refer-

ence for a successful aging after solution-annealing since

in this condition the alloy exhibits the maximum ob-

served tensile strength and hardness [3].

In condition F, after solution annealing followed by

slow furnace cooling some rather large, inhomoge-

neously distributed precipitates were observed. Their

size ranges between 5 and 15 nm. Also after the aging

treatment, in condition G, only a few large precipitates

with a diameter between 10 and 20 nm were found. The

density of these precipitates in conditions F and G is too

low to be quantitatively determined. Smaller precipitates

were not found under any of the applied di�raction

conditions.

In condition K, i.e., after solution annealing followed

by out-of-furnace cooling a few larger precipitates with

diameters between 10 and 15 nm were observed. Also

some tiny fringed precipitates could be identi®ed with a

size of about 1 nm. Their density was however too low

to be quanti®ed. The matrix exhibits some small and

weak spot-like contrasts which easily faded away when

tilting the specimen. The contrast features of our known

precipitates could never be established on these spots.

Hence these weak contrasts could not unambiguously be

identi®ed as precipitates. It might be that precipitates are

responsible for such contrast features which are too

small to be clearly visible by structure factor contrast.

Table 1

Quantitative evaluation of the TEM micrographs in the con-

ditions B and L. The table compiles the arithmetic mean value

of the precipitate size d (for Eq. (3), 2R � d holds), the number

of evaluated precipitates N, their density .p and their mean

three-dimensional interparticle spacing kp

Material state

after heat

treatment

sequence

d
�nm�

N .p

�mÿ3�
kp

�nm�

B 2.3 1285 3:3� 1022 31

L 2.4 525 1:7� 1022 39

Fig. 2. Frequency of precipitate size as derived from TEM micrographs in the reference condition B and in the condition L. In these

conditions 1285 and 525 precipitates were measured, respectively. For further details see Section 3.1.2.
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Their size should then be well below 1 nm (cf. Section

4.1). After aging, in condition L, a homogeneous dis-

tribution of both types of precipitates was observed. In

Fig. 2 the size distribution of the precipitates determined

in this state is compared with the one obtained in con-

dition B. The arithmetic mean value of the particle size

was 2.4 nm and thus slightly increased. The size distri-

butions show little di�erence apart of the reduced frac-

tion of very small precipitates (1 nm group). The

precipitate density of 1:7� 1022 mÿ3 is, however, sig-

ni®cantly lower than in the reference state. This density

corresponds to a mean three-dimensional particle spa-

cing of 39 nm.

3.2. Scanning electron microscopy

Fig. 3 gives a synopsis of the ®ndings of SEM per-

formed on the TEM specimens in the electrolytically

Fig. 3. Compilation of the SEM observations. Imaging was performed with secondary electrons. The left-hand side presents the

solution annealed conditions (A, F, K). The right-hand side shows the corresponding conditions after aging (B, G, L). The composition

of the white particles, the pits and the matrix was analyzed by EDX with a spatial resolution of 1 lm. The results are compiled in

Table 2.
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thinned region in a distance of typically 50±200 lm from

the border of the perforation. Imaging was performed

with secondary electrons. On the left-hand side the mi-

crographs of the solution annealed specimens are shown.

The solution annealing was always performed at 970°C

for 20 min but it was terminated with di�erent cooling

rates achieved by quenching in water (condition A),

furnace cooling (condition F) and out-of-furnace cool-

ing (condition K). On the right-hand side the corre-

sponding conditions after aging at 475°C for 3 h ®nished

by furnace cooling are presented.

The common features of these micrographs are the

presence of pits and white particles. The typical size of

both ranges between 0.2 and 2 lm. In all cases both

together cover a fraction of roughly 1% of the examined

area. An EDX analysis revealed a Zr-enrichment in the

white particles of up to about 20 at.%. The Zr concen-

tration in the pits is below the detection limit which is

about 1.4 at.% for this element. On the other hand, Cr

contents between 29 and 100 at.% were determined.

Since a lower Cr concentration is typical for smaller pits

it may be attributed to the fact that the area analyzed by

EDX (1 lm in diameter) contains also a contribution

from the copper matrix. The observed composition

ranges are given in Table 2. In cases like in Fig. 4 in

which the pits were signi®cantly larger than the EDX

spot size of 1 lm, the bottom could be analyzed selec-

tively. It was found that the presence of white contrast

phenomena inside these pits was associated with the

detection of Zr. Moreover, white particles are often

visible at the boarder of the pits although their visibility

is sometimes hampered by edge contrast. This observa-

tion might indicate that white particles and pits belong

to the same precipitation phenomenon which might be

described by the formation of a Zr-rich core which is

surrounded by a chromium shell embedded in a copper

matrix. We may tentatively assume that the pits are

formed during jet-polishing, probably by preferential

electrochemical attack of the interface between the zir-

conium-rich particle and its con®ning chromium shell.

The coarse precipitates may then be washed out by the

electrolyte jet leaving behind the pits.

From Fig. 3 di�erences in particle size and spatial

distribution after the di�erent thermal treatments be-

come apparent. The solution annealed condition A

typically exhibits a low density of comparably large pits

of 1 to 2 lm in size. Although a precise quantitative

assessment was not performed, the size of these pits

appears to be slightly smaller after the aging treatment

in state B and a further pronounced reduction in size is

achieved in condition F and G. In these conditions the

pits and the Zr-rich particles exhibit a maximum size of

1 lm. Some of the pits may however be elongated to a

length of up to 10 lm. The elongation of the pits, their

arrangement and the arrangement of the Zr-rich par-

ticles mark a preferential direction corresponding to the

direction of cold rolling of the base material. After

solution annealing followed by out-of-furnace cooling

(condition K) pits and Zr-rich particles appear to be

even smaller than 0.5 lm. The particles and pits are

also aligned along a preferential direction, which is

more obvious at lower magni®cation. The micrographs

taken in condition L are the only ones indicating re-

markable microstructural changes on a mesoscopic

scale during the aging treatment. The comparison with

Table 2

EDX analysis of white precipitates, pits and matrix (cf. Fig. 3). The conclusion on the most probable composition is based on the

values for the largest precipitates and pits since an analysis of areas smaller than 1 lm is a�ected by the copper matrix

Analyzed sites Measured composition (at.%) Concluded composition

Cu Cr Zr

White particles 57±94 0±5 2±20 Cu5Zr

Pits 0±71 29±100 0 Pure Cr

Matrix 94±100 0±6 0 Solid solution of Cr in pure Cu

Fig. 4. Remnant white particles could often be observed at the

boarder of the pits together with the less intense white edge

contrast and in the depth of the pits.
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the micrograph in condition K shows the precipitates

have been grown to a size of up to 5 lm but their

density is apparently reduced. In condition L small Zr-

rich particles decorate grain boundaries; a phenomenon

which has been much less prominent on the other

specimens.

Fig. 5. (a) Typical di�raction pattern for condition B; zone axis close to [1 1 1 ], di�raction vector of type h0 2 2i. (b) Typical di�raction

pattern for condition G; zone axis close to [0 1 1], di�raction vector of type h1 1 1i. (c) Typical di�raction pattern for conditions L;

zone axis close to [0 1 1], di�raction vector of type h1 1 3i.
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4. Discussion

4.1. Interpretation of TEM results ± the microscopic level

The present TEM investigation revealed that many of

the precipitates which showed lobe±lobe contrast did not

fully obey the classical Ashby±Brown rules for small

mis®tting spherical particles in a isotropic matrix [15].

The deviations are however not as severe as those re-

ported by Tang et al. [10] who noted a random orien-

tation of the line of no contrast with respect to the active

di�raction vector. On the other hand, Singh et al. [4] did

not mention deviations from the Ashby±Brown rules.

Our estimate of the McIntyre±Brown parameter PS

showed, however, that the small size of the precipitates

cannot account for such deviations. According to De-

gischer [19] deviations of the lines of no contrast from

being perpendicular to the di�raction vector and con-

trasts other than lobe±lobe can occur due to the an-

isotropy of the copper matrix. This e�ect is especially

pronounced for h1 1 1i-type di�raction conditions,

which are unfortunately those which could be controlled

best in regard of the limited specimen tilt.

Our ®ndings agree well with those of Singh et al. [4]

concerning the presence of several families of precipi-

tates, namely, the coherent ones showing lobe±lobe

contrast, and the fringed ones. In our quantitative

analysis of precipitates we included both types of par-

ticles, showing strain-®eld contrast, due to their expected

relevance for the mechanical properties. In our peak-

aged condition B the mean size and density of these

precipitates is smaller than those reported by Singh et al.

[4] after solution annealing and subsequent aging with a

mean size of 2.9 nm and a density of 5:9� 1022 mÿ3.

These di�erences may however ®nd their explanation in

the di�erent applied heat treatments. Singh et al. [4]

Table 3

Available crystallographic data on possible precipitated phases in the ternary Cu±Cr±Zr system as suggested in literature

Phase Crystal structure Lattice constants Source

Cu±Cr solid solution fcc (Fm�3m) 0 at.% Cr: a � 0:36152 nm [20,21]

0.97 at.% Cr: a � 0:36177 nm

1.63 at.% Cr: a � 0:36196 nm

Cu5Zr fcc (F�43m) a � 0:687 nm [24]

Cu4Zr Orthorhombic a � 0:504 nm [10]

b � 0:492 nm

c � 0:664 nm

Cu3Zr To be replaced by Cu51Zr14 [24,25]

Cu51Zr14 hcp (P6/m) a � 1:125 nm [25]

c � 0:8275 nm

CuZr2, T P 1200 K Body-centered tetragonal

(I4/mmm) Si2Mo-type

a � 0:32204 nm [22]

c � 1:11832 nm

Subcell: a0 � ���
2
p

a, c0 � 1=3c [23]

CuZr2, T 6 1200 K Primitive tetragonal a � 1:592 nm [24]

c � 1:132 nm

CuZr3 Tetragonal (I4/mmm) Same subcell as for CuZr2 (?) [23]

a-Cr2Zr Cubic (Fd�33m)

Cu2Mg-type

a � 0:7208 nm [26]

Zr±Zr: 0.3121 nm; Cr±Cr: 0.2548 nm;

Zr±Cr: 0.2988 nm

b-Cr2Zr hcp (P63/mmc) a � 0:5102 nm [26]

MgZn2-type c � 0:8532 nm

Zr±Zr: 0.3089 nm; Cr±Cr: 0.2551 nm;

Zr±Cr: 0.2991 nm

Zr hcp (P63/mmc) a � 0:3232 nm [27]

c � 0:5148 nm

Cr bcc (Im3m) a � 0:2885 nm [17]
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applied a lower annealing temperature (950°C) and a

much shorter aging treatment (30 min). Since the data of

these authors show that longer heat treatments reduce

both particle size and density we may state reasonable

quantitative agreement. The conditions of the alloy

examined by Singh et al. [4] correspond to a condition

less aged and another slightly more aged than our

condition B.

The results of Correira et al. [9] are more di�cult to

compare with the present ones since these authors used a

water atomized material consolidated by warm extru-

sion with much smaller grain size and di�erent compo-

sition of Cu±2Cr±0.15Zr (at.%) and � 0:2 at.% Si. From

their TEM studies these authors reported the presence of

precipitates showing strain ®eld contrast with dimen-

sions of about 4 nm in the peak-aged condition [9].

Other particles with a diameter of 10±15 nm exhibited

Moir�e fringes. An investigation with an EDAX nanop-

robe indicated a signi®cant concentration of zirconium

in the fringed (Moir�e-patterned) particles. It was con-

cluded that these particles consist of Cu5Zr and cause

only a small hardening e�ect [9]. In their Cu±Cr alloy in

slightly overaged condition they observed also particles

with Moir�e fringes of 12 nm in size and particles of

20±40 nm in diameter without coherency contrast.

Correira et al. [9] concluded that in the binary Cu±Cr

and the ternary Cu±Cr±Zr alloys strengthening is

brought about by tiny coherent chromium particles

which precipitate from a supersaturated copper matrix

and loose coherency with proceeding overaging.

The main scope of the present TEM analysis was to

obtain quantitative information on the precipitate den-

sities responsible for the mechanical strength. Taking

into account the di�culties when imaging the tiny pre-

cipitates and the exact determination of the foil thick-

ness the values given for the precipitate densities are

reliable within about 25%. There is still an uncertainty if

all mechanically relevant precipitates are large enough to

be visible at all, a doubt which has also been expressed

by Correira et al. [9]. For a particle of thickness Dt,
which is being imaged by structure factor contrast, the

maximum relative intensity change is given by

DI=I � 2pj1=np
g ÿ 1=nm

g j [18]. Here m and p denote ma-

trix and particle, respectively. Assuming that the inten-

sity change should not be less than 10% and with small

extinction lengths [17,18] for low indexed di�racting

planes of fcc copper and bcc chromium one calculates

critical sizes in the nm range. Thus, the danger of

missing particles relevant for mechanical strength may

be real, especially when regarding the weak contrast

features in condition K (cf. Section 3.1.2).

Fig. 5(a)±(c) show some typical di�raction patterns.

Additional re¯exes from whatever kind of precipitates

and double re¯exes are common features. Although

other authors reported that they could successfully at-

tribute additional re¯exes to bcc chromium particles

[7,9,10] or to other phases like Cu4Zr [10] or to CrCu2Zr

precipitates of the Heusler-type alloy [10] our di�raction

patterns allowed no consistent correlation to any of the

phases compiled in Table 3 in any reasonable orienta-

tion.

4.2. Coarse precipitation in Cu±Cr±Zr ± the mesoscopic

level

From the quantitative EDX analysis in SEM we may

conclude that the phases formed in this alloy are pure

copper, pure chromium and Cu5Zr. This conclusion

agrees well with recent theoretical [13] and experimental

[14] examinations of the copper-rich corner of the ter-

nary system Cu±Cr±Zr. The experimental investigations

were however performed on alloys with much higher

zirconium (>8 at.%) and chromium (>16 at.%) contents

and lead to the conclusion that the chromium should be

the primary phase embedded in a Cu5Zr matrix [14].

From the Zr-rich white particles at the border of many

pits and the presence of Zr detected in large Cr-rich pits

we assume that white precipitates and pits are two as-

pects of the same feature. If the pits, in which pure

chromium was detected, once surrounded the Zr-rich

phase, which has electrolytically been polished away and

whose composition corresponds best to Cu5Zr, one

might postulate that chromium precipitates around a

core of Cu5Zr embedded in a pure copper matrix.

The existence of coarse particles in Cu±Cr±Zr alloys

which resist solution annealing was already observed in

earlier investigations [4,28,29]. These particles are

probably formed during the solidi®cation of the alloy.

This is to be expected for alloys with a composition close

to or above the maximum solubility of 0.9 at.% (0.7

wt.%) in equilibrium and 1.8 at.% (1.45 wt%) after rapid

quenching [11,20,30]. At the annealing temperature the

solubility of chromium and zirconium in copper is about

0.4 wt% [29] and 0.15 wt.% [31], respectively. The exis-

tence of particles after solution annealing is therefore

not surprising, but, their density and size are. From

Fig. 3 we must conclude that nearly the complete alloying

content is bound in coarse precipitates. Assuming that

the microscopic particles observed in condition B are

pure chromium, they can comprise not more than about

2% of the alloying content. The matrix has to be nearly

depleted of chromium. Hence it seems strange that so-

lution annealing does a�ect the coarse precipitates so

little. With the exception of Rdzawski and Stobrawa [12]

no similar problems with coarse precipitates were re-

ported from binary Cu±Cr alloys with the composition

Cu±0.4 at.%Cr [5] and Cu±0.35 wt%Cr [7]. These au-

thors found coarse chromium precipitates of up to 1 lm

in size after annealing and quenching from 1270 K in

their Cu±0.94Cr (wt%) alloy. The chromium content of

these alloys is below the solubility limit at annealing

temperature. Since the same holds for the matrix of our
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ternary alloy, one might expect that the coarse particles

dissolve at least partially during annealing. The changes

observable in Fig. 3 show that a modi®cation of coarse

precipitates indeed occurs concerning their size and

distribution but with little e�ect on their volume frac-

tion. Hypothetically we may explain this strange be-

haviour by the presence of zirconium. If we assume the

white particles to consist of a Cu5Zr core encapsulated

by a chromium shell a rather stable binding of the

chromium to this core might prevent the particles from

complete dissolution during solution annealing. De-

pending on the stable thickness of the chromium shell

only a fraction of the chromium may be free to re-enter

the matrix. Spaic et al. [32] argued that the formation of

coarse particles with an eutectic composition might ex-

plain their resistance against solution annealing.

4.3. The distribution of alloying atoms ± a bimodal

particle distribution

From the content of the alloying atoms Cr and Zr,

one may expect to ®nd precipitates with a volume frac-

tion of at least 1%. From the size distribution of the

precipitates visible in TEM (cf. Fig. 2) and their density

one obtains volume fractions of 0.02% and 0.01% after

the heat treatment sequences B and L, respectively. A

similarly small volume fraction of microscopic precipi-

tates was found by Long et al. [5]. These authors re-

ported a volume fraction of 5� 10ÿ3 of rod shaped

chromium precipitates with a diameter of about 35 nm

and a length of around 60 nm in the peak aged condition

of their Cu±0.4%Cr single crystals. Nothing is, however,

reported on coarse precipitates, although the volume

fraction of the chromium precipitates cannot account

for a 0.4% chromium content.

The SEM investigation revealed that the alloying

atoms are nearly completely concentrated in coarse

precipitates with a size in the lm range and separations

of up to 10 lm. From the particle spacings and con-

®rmed by the measured mechanical properties of the

alloy after the di�erent heat treatments [3] we conclude

that the coarse precipitates do not a�ect the mechanical

properties of the alloy. This holds at least for the tensile

properties, since the presence of coarse hard particles

may reduce the fracture toughness of the alloy. Hence

precipitation hardening is brought about by the tiny

fraction of only 1% or 2% of the alloying atoms involved

in the formation of the ®ne precipitates detectable by

TEM with mean three-dimensional particle spacings

between 30 and 40 nm.

Since coarse precipitates do not contribute to the

mechanical properties, it should be the scope of material

improvement to shift the alloying content from coarse to

®ne precipitation. The present ®ndings show that solu-

tion annealing treatments are not suitable for this pur-

pose since they cannot remove coarse precipitates. This

corresponds to the ®ndings by Apello and Fenici [29]

who investigated solution heat treatments of the Cu±

0.05Cr±0.15Zr (15 wt%) alloy Elbrodur HF. These au-

thors concluded that their observed striations of coarse

precipitates were already present before pre-deformation

and solution annealing, and that only a few, if any, were

dissolved during solution annealing treatments at

1000°C. Unfortunately, Apello and Fenici performed

only a SEM study, thus they missed the microscopic

precipitates in their material. A similar observation was

also made by Morris et al. [33,34] on a Cu±2Cr±0.3Zr

(at.%) alloy prepared by a spray deposition technique.

After solution annealing at 980°C and aging at 600°C

these authors found a bimodal distributions of ®ne

precipitates with an average diameter of 15 nm and a

mean spacing of 80 nm together with coarse particles of

0.85 lm in size and 2.8 lm interparticle distance [33].

A deeper understanding of the bimodal particle dis-

tribution is hampered by a still incomplete knowledge on

the phase relations in the ternary Cu±Cr±Zr system.

According to the solubility for chromium and zirconium

in copper one would not expect such an amount of an-

nealing resistant coarse precipitates. An interesting

question concerns the coarse precipitates. Can they

simply be regarded as excess content which might be

removed, or is there an interaction between mesoscopic

and microscopic precipitation if one varies the alloying

content?

4.4. Precipitation hardening

For a consideration of precipitation hardening it is

justi®ed to neglect all coarse particles on a mesoscopic

length scale because of their rather large spacings. For

example, Long et al. [5] investigated a Cu±Cr±SiO2 alloy

and found that the strong silica particles contributed

only 5% to the overall increase of the yield stress of the

Cu±Cr alloy due to precipitation hardening. The main

part is done by ®nely dispersed chromium particles,

which illustrates that the average spacing of the obsta-

cles along the dislocation line is of the utmost impor-

tance. The yield stress in the softest condition G must

essentially be determined by the copper matrix probably

plus a friction stress from the residual concentration of

chromium and zirconium in solid solution. We can

therefore assume that the volume fraction of hardening

precipitates is f � 0 in condition G.

Models of precipitation hardening have been re-

viewed by several authors, e.g., by Ardell [35] and

Gerold [36]. Usually the models give an expression for

the increase of the critical resolved shear stress of a pure

single crystal due to certain mechanisms of precipitation

hardening. In order to compare the calculated values

with experimental data on a polycrystalline material two

problems have to be solved. Firstly, the polycrystalline

yield stress data r0 have to be transformed into critical
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resolved shear stress data scrss, which is done by dividing

r0 by the Taylor factor M � 3:06. In our case we cal-

culate scrss � r0:2=M from the proof stress data r0:2 at an

o�set of 0.2% plastic deformation as reported in [3],

which are slightly higher than the yield stress r0. This

e�ect is negligible compared to the uncertainty of the

yield stress of the matrix which is required for a calcu-

lation of the yield stress increase caused by precipitation

hardening. In the present case we assume that in con-

dition G only residual solid solution atoms exert a

friction stress on moving dislocations. On the other

hand conditions B and L are hardened by strong tiny

precipitates. This situation has been discussed by Lilholt

[37] and Kocks [38] who concluded that as long as one of

the two contributions to the critical resolved shear stress

is due to weak obstacles and the other due to strong

obstacles the former can be regarded as a friction stress

and that these two contributions should be linearly ad-

ditive. This allows us to estimate the precipitation

hardening contribution to the critical resolved shear

stress Dscrss by subtracting the value sG
crss in condition G

from the other values si
crss �i � B;L�.

Fig. 1 indicates that strengthening in the conditions B

and L is brought about by a random array of tiny co-

herent particles. The strengthening mechanism usually

proposed in this case is that of dislocation pinning by the

stress ®elds around the coherent precipitates [35,36]. A

quantitative treatment of coherency strengthening yields

for the increase of the critical resolved shear stress

Dscs
0 � ccs e

3=2 G
R f
b

� �1=2

; �1�

where e denotes the mis®t strain at the coherent inter-

face, G the shear modulus of the matrix, b the modulus

of the Burgers vector of matrix dislocations and R the

radius of the particles and f their volume fraction. In

literature the numerical constant ccs ranges from 2.6 [35]

to 3.7 [36]. The mis®t strain can be estimated as shown

by Eshelby [39] by

e � 2

3

jap ÿ amj
am

�2�

from the lattice parameters of the matrix, am, and the

particle, ap. If we tentatively assume that we have to deal

with bcc chromium particles which precipitate with their

f1 1 0g planes on the f1 1 1g planes of the fcc copper

matrix in order to minimize mismatch [5,7] we get

e � 0:015. This ®gure is a typical value for precipitates in

copper. Gerold and Pham obtained the same amount for

the mis®t strain of Co precipitates in Cu±Co alloys [40].

If one considers the lattice parameter ap � 0:368 nm

reported for a metastable chromium-rich fcc phase in

quenched Cr±Ni alloy [41] as representative of fcc

chromium precipitates in the present alloy, one obtains

e � 0:012. The special assumptions on the type and

structure of chromium precipitates will therefore not

limit the conclusions to be drawn from the calculation.

The volume fractions required for the model are com-

piled in Table 1. With a shear modulus of G1 1 1 � 30500

MPa on the f1 1 1g glide planes [35], 1 a Burgers vector

of 2:56� 10ÿ10 m [42] and a value of ccs � 3 we can

derive from our data an increase of the critical resolved

shear stress of 5 and 3.5 MPa for the conditions B and L,

respectively. Table 4 shows that this is by far not enough

to meet the experimental values. It is interesting to note

that according to Gerold and Haberkorn [43] the tran-

sition from coherency strengthening to the Orowan

process should take place at a critical particle radius

Rcrit: � b=�3jej� which is 5.7 nm with the ®gures used

here. One might argue that Dscs
0 depends sensitively on e

and one could reach the experimental data by assuming

1 In fcc metals the main slip system is of the f1 1 1gh1 �1 0i
type. In the case of copper we have to deal with a pronounced

elastic anisotropy. Therefore, the shear modulus on the glide

plane, which is relevant for our quantitative comparison,

Gf1 1 1g � 30 500 MPa, di�ers appreciably from the isotropic

value Giso � 42 100 MPa. Also the Poisson ratio m, commonly

assumed to be 1/3, can be calculated from the elastic constants

to be 0.419 in the case of copper [35].

Table 4

Comparison of the experimentally determined increase of the critical resolved shear stress Dscrss with the coherency strengthening and

the Orowan model. For details see the second paragraph in Section 4.4. To assess ductility the uniform elongation eUTS and the

elongation at fracture efrac are presented. All experimental values are mean values taken from [3]

Material condition (heat

treatment sequence)

r0:2 (MPa) eUTS (%) efrac (%) scrss

(MPa)

Dscrss (MPa)

Calculation

Experim. Orowan

model

Coherency

strengthening

A 110 39.5 51 36 22 (Solution hardening)

B 272 16 25 89 75 58±146 5

G 42 48 57 14 0 0 0

L 160 27 38 52 38 40±100 3.5
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a much higher mis®t strain of may be 0.1. This would on

the other hand lead to a much lower critical radius of

0.85 nm for the transition to the Orowan mechanism.

Usually one expects the Orowan mechanism to be

e�ective for incoherent and not shearable particles. The

particles are by-passed by dislocations bowing out be-

tween two obstacles [35,36]. If we consider ¯exible dis-

locations, the spacing of the precipitates along the

dislocation line in the glide plane is given by

L � 2

f

� �1=2

R; �3�

where f and R denotes again the volume fraction of the

precipitates and their mean radius, respectively [35,36].

For the Orowan mechanism the increase of the critical

resolved shear stress by particle strengthening is given by

Ds0 � 0:84
2T
bL
; �4�

where T denotes the line tension of the dislocation line

and b the modulus of its Burgers vector [36]. Since we

may consider the residual concentration of solid solu-

tion atoms to be very low, the line tension values are

those of pure copper. According to Mughrabi [44] the

values are di�erent for edge and screw dislocations with

1:0� 10ÿ9 N and 2:5� 10ÿ9 N, respectively. With these

two ®gures and b � 2:56� 10ÿ10 m [42] we cover a range

for the increase of the critical resolved shear stress of 58±

146 and of 40±100 MPa in the conditions B and L, re-

spectively. Table 4 compiles the relevant mechanical

data as reported in [3] and the estimates of the increase

of the critical resolved shear stress according to the co-

herency strengthening and the Orowan model. In spite

of the limitations of our procedure the experimental

data agree much better with the assumption of an

Orowan mechanism than with the coherency strength-

ening model.

Strong indication of an Orowan mechanism operat-

ing in Cu±0.4 at.% Cr and Cu±Cr±Zr alloys was also

reported by Long et al. [5] and Dubois and Morris [34],

respectively. Long et al. [5] found good agreement be-

tween their yield stress data and the calculations on the

basis of an Orowan mechanism. Their TEM investiga-

tions on deformed Cu±0.4 at.% Cr single crystals gave,

however, no evidence for Orowan loops around the

precipitates. It has been argued that this would not be

surprising since the small Orowan loops would collapse

within a fraction of a second as a result of the very high

stresses acting on them due to the strong curvature of

the loops. Moreover, from the absence of temperature

dependence of the yield stress down to liquid nitrogen

temperature, Long et al. [5] concluded that a coherency

strengthening mechanism is unlikely since in this case

one would expect the yield stress to decrease with lower

temperature due to the decreasing mis®t of the precipi-

tates. Dubois and Morris [34] investigated the creep

properties of a Cu±2Cr±0.3Zr (at.%) alloy. They found

an athermal threshold stress of �95� 10� MPa for the

dislocations to overcome the ®ne chromium precipitates

of 25 nm in diameter observed in this alloy. This stress

was identi®ed with an calculated Orowan stress of

�85� 15� MPa [34].

Correira et al. [9] examined the precipitation hard-

ening in a Cu±Cr and a Cu±Cr±Zr alloy produced by

water atomization and consolidated by subsequent

warm extrusion. Although they used a mis®t strain of

e � 0:015 in their calculations as we did, these authors

found that their results are more compatible with co-

herency strengthening than with an Orowan model.

Presumably neither the higher alloying content (> 2

at.% Cr, > 0:15 at.% Zr and > 0:2 at.% Si) nor the small

grain size are the reason for this discrepancy. It is very

likely caused by the presence of the bimodal precipita-

tion distribution since a precipitate size has been used

for the calculation which was obtained by TEM inves-

tigations on the consolidated material, whereas the

volume fraction of the precipitates has been determined

from an X-ray analysis on the powder before consoli-

dation. In this way the overall content of chromium in

solid solution was determined in the powder. From the

di�erence with respect to the alloying content the vol-

ume fraction of chromium particles was calculated and

attributed to particles with a diameter of about 4 nm. If

coarse precipitates are also present in the ternary alloy

of Correira et al. they missed them with such an inte-

grating method. If so, the volume fraction of precipitates

contributing to hardening would be largely overesti-

mated by a factor 100±1000 since the largest portion of

chromium is neither in solid solution nor in ®ne pre-

cipitates.

Although our experimental data are somehow limited

and the models for precipitation hardening mechanisms

deserve still further development we conclude that the

Orowan mechanism describes the experimental ®ndings

in the peak hardened and slightly overaged state of our

Cu±Cr±Zr alloy better than a coherency strengthening

mechanism. More information on the nature of the

precipitates would be required to assess possible con-

tributions of other hardening mechanisms like modulus

hardening. The latter might be important if the elastic

moduli of the precipitates di�er markedly from the

matrix modulus.

5. Summary and conclusions

The precipitates in the investigated Cu±Cr±Zr alloy

exhibit a bimodal size distribution consisting of coarse

precipitates with a size of 0.2±2 lm and an interparticle

distance of several lm, which we de®ne as mesoscopic

scale. The desired mechanical strength is brought about
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only by tiny and ®nely dispersed precipitates on a

microscopic scale, which exhibit strain ®eld contrast in

TEM. These precipitates have a mean size of 2.3 nm

and mean three-dimensional spacings between 30 and

40 nm. The maximum observed density was

3:3� 1022 mÿ3. Thus, the mechanical properties are

determined by less than 1% of the alloying content.

Whereas the density of the tiny, microscopic precipi-

tates depends strongly on the heat treatment of the al-

loy, the volume fraction of the mesoscopic, coarse

particles is hardly a�ected by heat treatments and resists

even solution annealing. The electron microscopical

investigation supports the conclusions in an earlier pa-

per of the present authors that the low cooling rates

after hot isostatic pressing lead to an overaging of the

alloy [3].

The identi®cation of the nature of the microscopic

precipitates failed since no additional chemical infor-

mation has been available and the additional re¯exes in

the electron di�raction patterns could not be indexed in

a consistent manner. Moreover the knowledge on the

phase relations in the ternary Cu±Cr±Zr system is still

insu�cient. The EDX investigation of the mesoscopic

precipitates is compatible with recent investigations of

the phase relations indicating that the phases are Cu,

pure Cr and Cu5Zr [13,14].

The available data on precipitation hardening indi-

cate that an Orowan mechanism can su�ciently describe

the ®ndings. A coherency strengthening mechanism can,

however, not completely be ruled out since the calcula-

tions depend sensitively on the value of the mis®t strain

of the coherent precipitates, which might in reality be

higher than that assumed for the precipitation of chro-

mium on f1 1 1g planes of copper.

Improvements of the mechanical behaviour of the

alloy depend on the success to avoid coarse precipitation

during solidi®cation or to fragment the coarse precipi-

tates and to redistribute the alloying content. In this way

the chromium and zirconium concentration in solid so-

lution might be increased during solution annealing.

Such a redistribution might be brought about by severe

plastic deformation which may shear and separate the

coarse precipitates. The re®nement of the coarse parti-

cles may also have a positive e�ect on the fracture

toughness since large strong particles may act as internal

stress concentrators. This assumption is supported by

the fact that the largest elongation at fracture was

measured on tensile test specimens subjected to the heat

treatment sequence G. The SEM investigation revealed

in this case the smallest coarse precipitation and the

most homogeneous distribution.

Probably the composition of the alloy needs further

development, may be by a general slight reduction of the

chromium and zirconium content and by increasing the

chromium to zirconium ratio since the zirconium seems

to play an essential role for coarse precipitation.
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